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A B S T R A C T
High-temperature mechanical behavior and microstructure evolution during hot deformation of an as-cast β-
solidified Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B (at.%) alloy were studied. Phase transformation temperatures
and associated phase fields (α2 + γ, α + γ, α, and α + β) were established by Thermo-Calc calculations,
dilatometry, differential scanning calorimetry and microstructure analysis of specimens annealed at different
temperatures. The as-cast alloy was subjected to uniaxial compression at temperatures from 900 to 1250 °C and
strain rates in the range 0.001–1 s−1. Two temperature intervals with different mechanical behavior were found:
the first corresponded to the α2+γ phase field (900–1100 °C), where the microstructure was mainly lamellar,
and the second covered the α + γ, α, and α + β phase fields (1100–1250 °C), in which the α phase dominated.
In the first interval, mechanical behavior was typical for lamellar structure and was associated with transfor-
mation of lamellar structure into globular one via dynamic recrystallization/spheroidization processes. In the
second interval, the mechanical behavior was similar despite the changes in phase composition and the con-
trolling process of the microstructure evolution was dynamic recrystallization. In the α + γ phase field de-
formation accelerated the γ→α transformation. Deformation in all phase fields resulted in microstructure re-
finement which, in turn, induced superplasticity under certain temperature-strain rate conditions. To determine
the most suitable conditions for working of the alloy, processing maps were constructed. Two domains with high
power dissipation efficiency (η > 0.5) were found. The first domain was located at the top of the α2+γ and the
bottom of the α+γ phase fields with the peak efficiency of 0.57 at ∼1100 °C and 0.05 s−1. The second domain
belonged to the α + β phase field with the maximum efficiency of 0.74 at ∼1250 °C and 0.5 s−1. The re-
lationships between mechanical behavior and microstructure after deformation were discussed.
1. Introduction
Intermetallic γ-TiAl based alloys are considered as promising ma-
terials for aerospace and automotive industries, and potentially can be
used for manufacturing of gas turbine blades, turbine rotor discs, and
automobile valves due to low density and good high temperature per-
formance [1,2]. However γ-TiAl based alloys have found only limited
applications because of low ductility at room temperature and in-
sufficient workability, which makes any thermomechanical processing
quite complicated [1,2]. The temperature and strain rate ranges cor-
responding to the best workability of the alloys can be determined using
a processing map [3]; the latter is a product of a superimposition of a
power dissipation map and a plastic flow instability map.
The workability of the two-phase γ-TiAl based alloys pronouncedly
depends on the percentage of Al [4]. In alloys with less than 45 at. % Al
the solidification occurs through the β phase field (β-solidified alloys)
[1]. These alloys can consist of the α2+γ, α+γ, α, α+β and β phases
[5]. If alloys contain more than 45 at. % Al, the solidification occurs
through the peritectic reaction L+β→α [1]. The phase diagram of such
alloys contain the two-phase (α2+γ), (α+γ) and the single α phase
fields [5,6]. In addition both types of the alloys can contain the γ phase;
however if in the latter alloys the γ phase exist up to the melting
temperature, in the β-solidified alloys this phase can be dissolved at
considerably lower temperatures. Accordingly the workability depends
on the phase field sufficiently.
Processing maps for the γ-TiAl based alloys with Al > 45 at.% were
described in Refs. [6–8]. Deformation behavior was studied for tem-
peratures in the range 800–1300 °C and strain rates between 0.001 and
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10 s−1. Domains corresponding to dynamic recrystallization, super-
plasticity and cracking were identified on the processing maps. These
results gave ground for choosing optimal temperature/strain rate con-
ditions of hot working. However it is quite obvious that those data are
not applicable to the β-solidified alloys because of completely different
sequence and temperatures of the phase transformations during
cooling/heating.
Processing maps for the alloys with Al < 45 at.%, for example a
lamellar TNM-B1, were developed in Refs. [9,10]. However, the maps
had a limited temperature range covering only three phase fields
(α2+β+γ, α+β+γ, α+β). The processes which were revealed within
those intervals were dynamic recrystallization of either the γ phase in
the (α2+β+γ) phase field or the α phase in the (α+β) phase field.
Meanwhile the β-solidified alloys can also have other phase fields (for
instance those which do not contain the β phase [1]), deformation
behavior in which has not been studied thoroughly yet. For example the
β phase in some β-solidified alloys can dissolve before the eutectoid
temperature [11]. The fraction of the γ phase reduces with decreasing
the percentage of Al so that the γ→ α phase transformation can be
observed during deformation [12]. All aforesaid suggests the need in
thorough investigation of β-solidified alloys.
In the present study, the phase transformations, deformation be-
havior, microstructure evolution and processing map of a novel β-so-
lidifying γ-TiAl based alloy with a nominal composition Ti-43.2Al-1.9V-
1.1Nb-1.0Zr-0.2Gd-0.2B [13] were studied in the temperature range of
900–1250 °C and the strain rate range 0.001–1 s−1. The alloy was
doped with boron and a rare-earth element (REE) Gd. The addition of
boron is expected to result in the formation of borides. Since Gd is a
strong oxygen getter and has low solubility in TiAl alloys [14], the
formation of oxides and/or Gd-containing intermetallics is anticipated
[15]. Together they can reduce the size of lamellar colonies in the as-
cast condition [16]. Reducing oxygen content due to REE element can
improve ductility of γ-TiAl alloys [17]. The effect of REE on the initial
structure, evolution of microstructure and mechanical behavior of β-
solidifying alloys during deformation has not been investigated so far.
2. Materials and methods
The ingots measured approximately 225× 75×20mm3 were
produced by chill casting. The actual chemical composition of the alloy
was Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B-0.358O-0.006C-0.003S-
0.007N-0.02H (at.%). The percentage of Ti, Al, V, Nb, Zr, Gd, and B was
measured by SEM-based EDS. The concentrations of O, C, S, N, and H
were analyzed by the vacuum fusion technique using a LECO PO-316
device. To determine the temperatures of phase transformations, dila-
tometry (Model DIL 402 C, Netzsch-Gerӓtebau GmbH, specimens mea-
sured 4× 4×20mm3) and differential scanning calorimetry (DSC)
(SDT Q600 TA Instruments, specimens measured 4× 4×1.5mm3)
analysis were used. The specimens were cut from the as-cast ingot by
electric discharge machine and mechanically polished prior to heating.
The measurements were carried out in the temperature range of
25–1450 °C in Ar atmosphere. The phase diagram for the Ti–XAl-1.9V-
1.1Nb-1.0Zr-0.031O (X= 35–55; the explanation of the amount of
oxygen used for calculations, see Section 3.2) alloys was calculated
using a Thermo-Calc software (version TCW5, database TTTIAL). Note
that the TTTIAL database does not include Gd and B elements, as well as
C, S, N, and H, and therefore they have been omitted during the ther-
modynamic calculations. For quenching tests specimens measured
10×10×15mm3 were cut from the as-cast ingot, heated in a Nau-
bertherm furnace to 1100–1250 °C for 10 or 120min in laboratory air
and then water quenched.
Cylindrical specimens measured 10mm in diameter and 15mm in
height were compressed isothermally to a true strain of 1.2 at constant
strain rates of 0.001, 0.01, 0.1, and 1.0 s−1 and temperatures of 900,
950, 1000, 1050, 1100, 1150, 1200, and 1250 °C. The phase fields
corresponding to the temperatures of the mechanical testing were
established based on the experimentally measured phase transforma-
tion temperatures. An Instron 300LX hydraulic universal testing ma-
chine equipped with a radial heating furnace was used for the com-
pression tests in the temperature range of 900–1050 °C in laboratory
air. The specimens were held at the required temperature for 10min
before the start of the test and then water quenched after the com-
pression. A Gleeble 3800 thermo-mechanical machine was used for the
tests at 1100–1250 °C. The specimens were induction heated by 10 °C
per second and then soaked for 5min at the test temperatures in va-
cuum (10−4 bar) before the compression. After the strain the specimens
were quenched by argon gas flow. Cooling rates were sufficient to fix a
high-temperature structure of the alloy. The deformed specimens were
sectioned along the compression axis. The microstructure of the com-
pressed specimens was examined in central (most deformed) area. The
lateral surfaces which endured the maximum tensile stresses during the
compression test were analyzed to discover surface cracks.
The microstructure was examined using scanning electron micro-
scopy (SEM), electron backscattered diffraction (EBSD) and transmis-
sion electron microscopy (TEM). The specimens for the SEM analysis
were mechanically polished. The SEM investigations were carried out
using a FEI Quanta 600 FEG (field emission gun) microscope in a back-
scattered electron (BSE) mode; the microscope was equipped with an
energy-dispersive (EDS) detector. The volume fraction of the phases
was calculated in accordance with ASTM E562-11 [18]. The volume
fraction and the size of spheroidized/recrystallized grains in tempera-
ture interval 900–1100 °C were calculated using SEM images.
A FEI Nova NanoSEM 450 scanning electron microscope operated at
30 kV and equipped with a Hikari EBSD detector was used to obtain
EBSD maps. The EBSD measurements were carried out using the TSL
Data Collection ver. 6.2 software. The step size of the EBSD scan was
varied from 100 nm to 0.5 μm depending on the grain size. Each EBSD
map comprised at least 1000 grains. The α-Ti (Pearson symbol hP8;
space group P63/mmc № 194; a= 0.5752 nm, c= 0.4657 nm) and the
TiAl (Pearson symbol tP2; space group P4/mmm № 123;
a= 0.4020 nm, c=0.4077 nm) phases were selected as possible phases
during scanning. The fractions of low-angle boundaries (LABs)
(2≤ θ < 15°) and high-angle boundaries (HABs) (θ=15°) were cal-
culated from the EBSD maps. The fraction of recrystallized grains was
determined from grain orientation spread (GOS) maps [19]. In the
present work, the GOS cut–off value of 1° was used to distinguish dy-
namically recrystallized grains (i.e. with the GOS < 1°). This value was
chosen on the basis of numerous EBSD misorientation measurements
within recrystallized grains.
Samples for the TEM analysis were first mechanically ground to
∼100 μm thickness and then electro-polished in a mixture of 5% per-
chloric acid, 35% butanol and 60% methanol at 27 V and −32 °C using
a twin-jet TenuPol-5 Struers. The TEM investigations were carried out
using a JEOL JEM - 2100 microscope operated at 200 kV and equipped
with an EDS detector. Selected area electron diffraction patters (SAEDs)
were used to identify the constitutive phases in TEM examination. The
Digimizer software was used for the analysis of the SAEDs. The re-
ference lattice parameters of the phases were taken from NIMS
Materials Database [20].
The concept of using processing maps to determine the best work-
ability conditions (temperature and strain rate) was given in Ref. [3].
The strain rate sensitivity of flow stress (m) is a parameter that indicates









where σ is the flow stress and ε̇ is the strain rate.
The efficiency of power dissipation (η) of a work piece can be ob-
tained by comparing its power dissipation through microstructural
changes with that occurring in an ideal linear dissipator (m=1) [3]:














The power dissipation map represents the projection of a three-di-
mensional surface describing the variation of η with temperature and
strain rate on the T − ε̇ plane. In addition a criterion for the onset of
flow instability during hot deformation ξ was determined in terms of
nonequilibrium thermodynamics with respect to plastic flow in con-
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The variation of dimensionless parameter ξ ε( ˙ ) with temperature and
strain rate constitutes an instability map. In this map microstructure
instability occurs when temperature and strain rate regimes result in
ξ < 0. The flow instability is usually related to adiabatic shear bands
formation, flow localization, dynamic strain aging, mechanical twin-
ning and kinking or flow rotations [3]. A superimposition of the in-
stability map on the power dissipation map results in a processing map,
which reveals domains where the workability of the alloy is high (do-
mains where, for example, dynamic recrystallization (DRX) or super-
plasticity (SP) occur) and the limiting conditions for the regimes of flow
instability. The best workability of the material can be achieved when
the processing is carried out under conditions of highest efficiency in
the “safe” domains avoiding the regimes of flow instabilities [3].
3. Results
3.1. Initial microstructure
The microstructure of the as-cast Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B was found to consist mainly of α2+γ lamellae colonies
surrounded by particles of various chemical compositions (the γ phase,
the β phase, two types of Gd-rich phases and two types of borides,
Fig. 1). The size of the α2+γ colonies was approximately 20 μm
(Fig. 1a) with the average inter-lamellar spacing of 70 nm (Fig. 1c). The
Gd-rich particles of 160–370 nm in size were identified by the SAED
patterns analysis as Gd2TiO5 or GdAl3. These particles were homo-
geneously distributed within the lamellar colonies (Fig. 1b, h, i).
However the size of the Gd2TiO5 and GdAl3 particles located in between
the α2+γ colonies was found to be much larger, attaining 2–5 μm
(Fig. 1a and g). The chemical composition of the Gd-rich particles is
shown in Table 1. Most likely the obtained amount of oxygen in the Gd
oxides (36–37 at.% according to EDS) was underestimated due to poor
sensitivity of EDS systems to light elements. However, using the stoi-
chiometric concentration of oxygen in the oxide, the volume fraction of
the oxide particles (0.5%), densities of the alloy (4.153 g/cm3) and the
oxide (6.105 g/cm3) the amount of oxygen presented in the alloy (ex-
cepting the Gd2TiO5 phase) can be estimated as 0.031 at.%, thereby
suggesting a considerable decrease in the content of solved oxygen in
the alloy due to Gd.
In contrast to the nearly equiaxed oxide and aluminide particles, TiB
and TiB2 borides had a platelet morphology with the thickness of laths
of 100–250 nm (Fig. 1e and f). They predominantly were hetero-
geneously distributed at boundaries of the colonies. The total volume
fraction of the Gd-rich particles and borides did not exceed 2%.The γ
and β phases were mainly found as thin interlayers between some co-
lonies of the α2+γ lamellae; the thickness of the γ and β phases was
0.5–1.5 and 0.3–1.2 μm, respectively (Fig. 1c and d). The β phase
contained very fine (10–20 nm) precipitates of the ω-phase (Fig. 1d).
The total volume fraction of the γ and β phases was close to 1%.
3.2. Phase transformations
A phase diagram for the Ti–Al-V-Nb-Zr-O system alloys was calcu-
lated using the Thermo-Calc software for constant concentrations of V,
Nb, Zr, O (1.9, 1.1, 1.0 and 0.031 at.%, respectively) and variable
percentages of Al in the range from 35.0 to 55.0 at.% (Fig. 2, Table 2).
The estimated concentration of oxygen in the alloy (excepting the
Gd2TiO5 oxide, see the previous section) was used for the calculations
since the melting temperature of the oxides is higher than the melting
temperature of the alloy [21]. Note that the available commercial
thermodynamic database for TiAl-based alloys (TTTIAL) does not in-
clude Gd and B, as well as other impurities. Therefore the effect of these
elements on phase transformations cannot be estimated using the
thermodynamic calculations. The sequence of the phases which form in
the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy during cooling from
the liquid state included the β, α, γ, and α2 phases. Temperatures of the
formation of these phases are denoted at the phase diagram as Tβ, Tα
and Tγ, respectively. The eutectoid reaction temperature at which α→
α2+γ transformation occurred is denoted as Te. The fraction of the γ
phase at Te was ∼50% according to the Thermo-Calc calculations.
The calculated temperatures of the phase transformations were
compared with the experimental results obtained by dilatometry and
DSC (Table 2). The experimental phase transformation temperatures
(i.e. Te, Tγ, Tα and Tβ) obtained by two different experimental methods
are very close (Table 2). Note that both dilatometry and DSC show a
peak corresponding to the temperature of dissolution of the ω phase
(Tω) (Table 2). The determined Tω is close to that for another γ-TiAl
alloy Ti–43.5Al–4Nb–1Mo–0.1B [22]. The experimental phase trans-
formation temperatures (Table 2) were used further to determine the
phase fields.
Significant differences between the calculated and experimental
phase transformation temperatures should be mentioned. For instance,
the value of Tα predicted by the ThermoCalc software was
∼215–234 °C higher than the experimental temperatures (Table 2). The
difference can be associated with variations in chemical compositions
(i.e. absence of Gd, B and impurities in the calculations) of the alloys
which were used for the calculations and experimental studies by di-
latometry/DSC. However the concentrations of impurities (C, S, N, and
H) are insignificant while Gd and B were mostly found in the stable
oxide, aluminide and borides particles (Fig. 1). Therefore these factors
were unlikely to affect the phase transformation temperatures con-
siderably. Possibly the underestimated content of oxygen in the alloy
(0.031 at.%) could not result in a decrease in the value of Tα since
oxygen is known to be a strong α-stabilizer. In addition, the thermo-
dynamic modeling produces an equilibrium phase diagram, while the
experiment is always conducted under non-equilibrium conditions.
Therefore even all together all these factors are unlikely to result in
such a big difference in the predicted and experimental results. Most
probably, the observed difference can be associated with the lack of
credibility of the commercial thermodynamic database for the present
set of alloying elements and their concentrations. Note that consider-
able differences between the results of ThermoCalc calculations and
experimental data on phase transformations for different γ-TiAl based
alloys have been already reported by several authors [23,24].
Further insight into the phase transformations of the alloy was ob-
tained by annealing at temperatures of 1100, 1150, 1200 and 1250 °C
for 2 h in air atmosphere following by water quenching for preserving
high-temperature microstructures (Fig. 3). Annealing in the α2+γ
phase field (1100 °C) resulted in the formation of a colony α2+γ mi-
crostructure with a very heterogeneous distribution of the interlamellar
spacing which varies from ∼0.2 to 1 μm (Fig. 3a) in different colonies.
The β phase was not detected in the microstructure after annealing at
1100 °C. Spheroidized particles of the γ phase measured ∼2.5 μm in
diameter were found between α2+γ colonies (Fig. 3a). The volume
fraction of the γ phase was ∼40%. At 1150°С (α+γ phase field) the γ
phase lamellae began to dissolve and after 2 h annealing some colonies
were found to be almost free of lamellae (Fig. 3b). The volume fraction
of the γ phase decreased to 25%. After annealing at 1200 °C (α-phase
field) for 2 h the microstructure consisted of equiaxed α grains mea-
sured ∼50 μm in diameter (Fig. 3c). Annealing in the α+β phase field
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(1250 °C) gave rise to the formation of 2 μm thick laths of the β phase
along α/α grain boundaries (Fig. 3d). The average size of the α grains
was found to be∼35 μm. The effect of soak time at a given temperature
was estimated comparing samples annealed for 10min (the images are
not presented) and 2 h (Fig. 3). No principal difference was found; yet
the microstructure of the alloy tended to become coarser at higher
annealing times. More detailed information on this issue can be found
in Section 3.4. It should be also particularly noted that the shape, lo-
cation and the size of the Gd-rich phases and borides particles did not
change noticeably during annealing within the whole studied tem-
perature interval (1100–1250 °C) (Fig. 3).
3.3. Mechanical behavior
Stress-strain curves of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B
alloy obtained during isothermal compression at 900–1250 °C showed
stress peak at the beginning of plastic flow followed by a flow softening
and a steady state flow stage (Fig. 4) that is quite typical of high tem-
perature deformation of such kind of materials [9,25]. The flow stress
of the alloy expectably decreased with increasing temperature and
decreasing strain rate. In addition the length of the steady state flow
stages became greater at higher temperatures. At low temperatures and
high strain rates some specimens fractured before attaining the target
deformation φ=1.2 (Fig. 4a–e). Specimens fracture or cracking was
observed in the α2+γ phase field at all studied temperatures (except
1100°С) and strain rates> 0.001 s−1. In the α+γ (1150°С), α (1200°С)
or α+β (1250°С) phase fields the specimen cracking occurred only at
the maximum strain rate (1 s−1). Flow stress oscillations, which were
observed at temperatures ≥1150 °C and a high strain rate (Fig. 4f–h),
can be associated with dynamic recrystallization [26].
3.4. Microstructure evolution during hot deformation
Microstructure of the alloy compressed to φ=1.2 depended con-
siderably on deformation temperature and strain rate (Figs. 5–11).
Deformation in the temperature interval 900–1100°С (α2+γ phase
Fig. 1. Microstructure of the as-cast Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy: (a) overview at low magnification; (b) Gd2TiO5 and GdAl3 phases particles distributed within a colony
of α2+γ lamellae; (c) a layer of the γ phase between α2+γ colonies; (d) precipitations of the ω phase in a β lamella; (e) a TiB layer between α2+γ colonies; (f) a TiB2 lath between α2+γ
colonies; (g) nearly equiaxed GdAl3 and γ phases particles at a boundary between α2+γ colonies; (h) a particle of the GdAl3 phase inside a α2+γ colony; (i) a particle of the Gd2TiO5
phase inside a α2+γ colony; (a, b) SEM-BSE images; (c–i) bright-field TEM images. SAED patterns and chemical composition are shown for the corresponding precipitates.
Table 1
Chemical composition of the Gd2TiO5 and GdAl3 phases determined by the SEM- and the
TEM-based EDS-analysis in the as-cast Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy.
Element, at.% Gd Ti Al O
Gd2TiO5 SEM 50 10 3 37
TEM 41 9 14 36
GdAl3 SEM 27 23 50 0
TEM 22 18 60 0
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field) (Figs. 5, 6a–d) resulted in transformation of the initial α2+γ la-
mellae microstructure into equiaxed α2 and γ phase particles [27–29].
The lamellae transformation occurred due to the development of a re-
crystallization/spheroidization processes. The volume fraction and the
size of the spheroidized/recrystallized grains increased with an in-
creasing deformation temperature and decreasing strain rate (Figs. 5,
6a–d, 10a and b).
More homogeneous fine-grained structure formed at 1100 °С and
0.001 s−1 due to more complete spheroidization/recrystallization pro-
cesses (Fig. 6c and d). An increase in a strain rate led to the formation of
a partially spheroidized/recrystallized microstructure which was con-
sisted of elongated remnants of initial colonies aligned with plastic flow
direction, and fine-grained areas (Fig. 6a and b). The homogeneity of
the gamma particles distribution was also higher at the lowest strain
rate of 0.001 s−1 (Fig. 6d) in comparison with 1 s−1 (Fig. 6b). The size
of spheroidization/recrystallization grains which was obtained during
deformation decreased with an increase in strain rate from 5 μm (at
ε̇ =0.001 s−1) to 0.8 μm (at ε̇ =1 s−1) at Т=1100°С (Fig. 10b). The
size of new grains at lower temperatures was not determined because of
uncompleted spheroidization/recrystallization processes.
During deformation in the α+γ phase field (1150°С) the lamellar
microstructure was transformed into equiaxed one (Figs. 3b and 6e, g).
However the homogeneity of the microstructure depended on strain
rate considerably. At a high strain rate of ε ̇ =1 s−1 a heterogeneous
elongated microstructure formed with coarse particles of the γ phase
(Fig. 6e and f). A decrease in strain rate led to some elongation of the α
grains along the plastic flow direction with a pronounced reducing in
the fraction of the γ phase (Fig. 6g and h). The microstructure consisted
both elongated large and equiaxed small grains. The grain size in-
creased from 13.5 μm at ε̇ =0.001 s−1 to 1.5 μmat ε̇ =1 s−1 (Fig. 10b).
It is well known that the kinetics of the γ→α (or γ→α2 [12]) phase
transformation in a γ-TiAl alloys is quite slow; however it can be con-
siderably promoted by strain [30]. Static annealing for 2 h at
Т=1150°С resulted in the volume fraction of the γ phase Vγ=25%
(Fig. 3b), while compression to φ=1.2 at the same temperature and a
strain rate of 0.001 s−1 (deformation took ∼15min in this case) left
only 2% of the γ phase (Fig. 7). Besides, the volume fraction of the γ
phase increased with increasing strain rate; for instance, after de-
formation at 1150 °C and 1 s−1 the value of Vγ was found to be 15%
(Fig. 7).
The effect of strain level on the volume fraction of the γ phase is
clearly seen from the analysis of microstructure in different areas of a
specimen, compressed to φ=1.2 at 1150°С and 0.001 s−1 (Fig. 8a).
The volume fraction and morphology of the γ phase in the central
(Fig. 8b) and edge (Fig. 8c) regions were found to be considerably
different from each other due to the different level of strain. The volume
fraction of the nearly equiaxed γ particles was less than 2% in the
central region while the microstructure of the edge regions consisted
∼10% of the lamellar γ. This finding clearly indicates that the γ→α
transformation is accelerated by deformation.
An increase in deformation temperature to the α or α+β phase
fields (1200 and 1250 °C, respectively) resulted in a homogeneous re-
fined microstructure even at high strain rates (Fig. 9). Some hetero-
geneity can only be observed at Т=1200°С and a strain rate of
ε̇ =1 s−1 (Fig. 9a); in all other cases within the studied temperature -
strain rate interval a highly uniform microstructure was formed
(Fig. 9b–h). An increase in deformation temperature from 1200 °C to
1250 °C resulted in microstructure coarsening at all strain rates (Fig. 9).
At low strain rates of 0.001–0.01 s−1 and temperature of 1250 °C
curved grain boundaries were observed (Fig. 9g and h).
The grain size which was obtained during deformation decreased
with an increase of a strain rate from 19.5 μm (at ε̇ =0.001 s−1) to
3.3 μm (at ε̇ =1 s−1) at Т=1200°С and from 23.5 μm (at
ε̇ =0.001 s−1) to 4.1 μm (at ε̇ =1 s−1) at T= 1250°С (Fig. 10b). It
worth noting that the average size of the α grains just before de-
formation (10min soak at the deformation temperatures) was 32 or
31 μmat 1200 or 1250 °C, respectively. A weak effect of temperature
and soak time (after 2 h at 1250 °C the grain size increased to 35 μm
only, see section 3.2) on the α grains growth in the latter case was most
likely associated with a constraint effect from the β phase which existed
in the α+β phase field in the form of thin interlayers between the α
grains (Fig. 3d). Much more pronounced grain growth from 32 μm
(10min) to ∼50 μm (2 h) was observed during soaking at 1200 °C (the
α phase field). These results show that grain growth during deformation
at 1250 °C and ε ̇ =0.001 s−1 is retarded by the β phase particles.
Dependencies of the volume fraction of recrystallized grains (i.e.
grains with the grain orientation spread, GOS < 1°) and the HAGBs
fraction on deformation temperatures (1150–1250 °C) and strain rates
(0.001–1 s−1) are shown in Fig. 11. In the α+γ phase field
(T = 1150 °C) at a strain rate of 0.001 s−1 the fraction of the re-
crystallized grains was ∼30% (Fig. 11a). An increase in strain rate
resulted in an increase in fraction of grains with the GOS < 1° to the
maximum (∼72%) at ε̇ =0.1 s−1. At even higher strain rate, a mod-
erate decrease in the recrystallized fraction to ∼63% was found. In the
α phase field (T=1200 °C) an increase in strain rate also resulted in an
increase in the volume fraction of the recrystallized grains (Fig. 11a).
The peak value of∼80% was attained at ε̇ =0.1 s−1. In the α+β phase
field (T = 1250 °C) the highest fraction of grains with the GOS<1°
(97%) was found at the lowest strain rate of 0.001 s−1. At higher strain
rates, the fraction of the recrystallized grains became lower (70–75%).
This is an indication of diminishing of dynamic recrystallization at high
temperatures. In the α+γ and α phase fields the HABs fraction in-
creased with an increase in strain rate and reached the maximum at
0.1 s−1 (Fig. 11b), similarly to the fraction of grains with the GOS<1°
Fig. 2. Phase diagram of the Ti–XAl-1.9V-1.1Nb-1.0Zr-0.031O (X=35–55) system alloys
calculated by Thermo-Calc software.
Table 2
The calculated temperatures of the phase transformations in the Ti–43.2Al-1.9V-1.1Nb-
1.0Zr-0.031O alloy and the experimental results for the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B alloy.
Method Temperature of phase transformation, °С
Tω Te Tγ Tα Tβ
Calculated – 1044–1054 1219 1435 1482
Dilatometry 770 1115–1125 1182 1201 1435
DSC 830 1109–1132 1180 1220 1420
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(Fig. 11a). In the α+β phase field (T = 1250 °C) the HABs fraction at a
strain rate of 0.001 s−1 was ∼90%. The HABs fraction slightly reduced
with an increase in strain rate.
Close examination also showed that the lath morphology of the β
phase has preserved even after deformation to φ=1.2 at Т=1250 °С
and ε̇ =0.001 s−1 (Fig. 12a). The β phase existed in the microstructure
as a network of thin (∼0.2 μm) interlayers which divides particles of
the α phase. In addition elongated particles of the Gd2TiO5 (measured
∼100× 400 nm, Fig. 12a, d) and GdAl3 (∼10–20 nm, Fig. 12b and c)
can be seen in the β phase or in the α/β and α/α boundaries
(Fig. 12b–d).
At all deformation temperatures cracks were arisen at the side faces
of the specimens. Microstructure examination revealed that the cracks/
pores formed along some colony/grain boundaries (Fig. 13) most
probably due to strain localization. The morphology of these defects
depended on deformation temperatures. Within the same α2+γ phase
field thin and long cracks along colony boundaries were observed at
lower temperatures (i.e. 900 °C, Fig. 13a), while round pores arranged
in chains were found at 1100 °C. Similar chains of pores were observed
after deformation at 1150 °C (Fig. 13c). At 1250 °C and 1 s−1 larger size
pores appeared at boundaries between grains of the α phase (Fig. 13d).
3.5. Processing map analysis
Processing maps for strains φ=0.2, 0.5 and 0.7, temperatures
T= 900–1250 °C and strain rates ε̇ =0.005–0.5 s−1 are shown in
Fig. 14. The strain rate sensitivity of flow stress (m) values was used for
the processing maps plotting (Table 3). It is seen that the maximum
values of m were observed at the top of the α2+γ phase field
(m = 0.33–0.4 at T = 1100 °C and ε̇ =0.005–0.05 s−1) and the α+β
phase field (m = 0.46–0.59 at 1250 °C and ε̇ =0.05–0.5 s−1). A de-
crease in a strain rate can both increase (for example at Т=1100 °C
and 1150°С and φ=0.5 or 0.7) or decrease (at Т=1250°С and
φ=0.5 or 0.7) the value of m.
An increase in the power dissipation efficiency η with increasing the
values of m accords pretty well with Eq. (2) resulting in the formation of
two domains with η > 0.5 on the processing maps at each strain level
(Fig. 14). On the processing map for φ=0.2 the center of the domain
with η > 0.5 was located within the temperature range of
1085–1125 °C and at strain rates more than 0.005 s−1 (Fig. 14a). With
an increasing in strain the first domain shifted to a higher temperature
range (1090–1150°С at φ=0.5 and 1090–1220 °C at φ=0.7) and its
strain rate range became narrower (ε̇=0.006–0.08 s−1 at φ=0.5 and
ε̇ =0.03–0.1 s−1 at φ=0.7) (Fig. 14b and c). The maximum value of η
was 0.57 at 1100°С and ε̇ =0.05 s−1 (Fig. 14c). Another domain at
φ=0.2 was observed at temperatures higher than 1220°С for all strain
rates (Fig. 14a). It shifted to higher strain rates with an increase in
strain level (ε̇ >0.01 s−1 at φ=0.7) (Fig. 14b and c). The maximum
value of η was 0.74 at 1250°С and ε̇ =0.5 s−1 (Fig. 14c).
The plastic flow instability region was observed at temperatures
which corresponded to the α2+γ phase field for φ = 0.2 (Fig. 14a).
This is a common trend, however at greater strain (φ = 0.5) the in-
stability region expands into the α+γ phase field at high strain rates
only. In turn this phenomenon can be associated with slower both the
lamellar microstructure transformation and α→γ transition at higher
strain rates (Fig. 7) and, as a result, with more intensive strain locali-
zation. Due to lack of data the maps terminated beyond the plastic flow
instability area showing, however, those temperature-strain areas
where the specimens break (Fig. 14a, b, c). These areas extended to
higher temperatures and lower strain rates with an increase in strain.
4. Discussion
The obtained results on the initial structure, phase transformations,
mechanical behavior, and microstructure evolution during hot working
of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy have revealed mi-
crostructure refinement mechanisms depending on temperature (phase
fields) and allowed development of processing maps for temperatures
900–1250°С and strain rates 0.005–0.5 s−1 and definition of domains
with the maximum efficiency of hot working.
Fig. 3. Microstructure of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B alloy after annealing for 2 h in laboratory air at:
(a) 1100 °C (α2+γ phase field); (b) 1150 °C (α+γ phase
field); (c) 1200 °C (α-phase field) or (d) 1250 °C (α+β phase
field) and water quenching.
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The microstructure of the as-solidified alloy consisted of colonies of
α2/γ lamellae with the Gd aluminides, Gd oxides, borides, and the
mixture of non-equilibrium β and ω phases located predominantly at
the boundaries of the colonies. The fraction of the Gd-rich particles and
borides was quite low besides they were located rather far from each
other, most often in colony/grains boundaries. The thermodynamic
modeling together with dilatometry, differential scanning calorimetry,
and microstructure analysis revealed that the alloy passes the α2+γ,
α+γ, α, or α+β phase fields within the temperature range from 900 to
1250 °C (Fig. 2, Table 2 and Fig. 3). The phase compositions of the alloy
respectively depended on temperature. The non-equilibrium phases
dissolved during heating while the Gd-rich particles and borides kept
almost intact within the indicated temperature interval.
Mechanical behavior (Fig. 4) has shown only moderate dependence
on deformation temperature. The microstructure evolution and the
post-deformation structures (Figs. 5, 6 and 9) depended on strain rate,
deformation temperature and corresponding phase field, but only two
temperature intervals with distinctively different behavior were found.
The first one corresponded to the 900–1100 °C range, i.e. the α2+γ
phase field, where the microstructure was mainly lamellar. The second
one was associated with the 1150–1250 °C range, i.e. the α+γ, α, and
α+β phase fields, in which the α phase dominated.
In the low-temperature interval (900–1100 °C) the alloy demon-
strated typical of lamellar alloys behavior [31,32]. During plastic
Fig. 4. True stress - true strain curves of the Ti-43.2Al-1.9V-
1.1Nb-1.0Zr-0.2Gd-0.2B alloy during compression at 900 °C
(a), 950 °C (b), 1000 °C (c), 1050 °C (d), 1100 °C (e); 1150 °C
(f); 1200 °C (g) and 1250 °C (h). (a–e) - α2+γ phase field; (f)
- α+γ phase field; (g) - α phase field; (h) - α+β phase field.
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deformation a lamellar structure transformed into a globular one as a
result of recrystallization/spheroidization processes in the γ and α2
phases, thereby resulting in microstructure refinement [29]. A com-
pletely globular homogeneous microstructure with a grain size
d < 3.5 μm was attained at T=1100 °C and ε̇≤0.01 s−1 solely
(Fig. 10a and b). The microstructure refinement can lead to a rather
high strain rate sensitivity of the alloy (m > 0.3) (Table 3) and to an
increase in the length of the steady state flow stage during compression
tests (Fig. 4) [30,33]. Only at 1100 °C and ε̇ =0.001 s−1 cracking was
not observed on the side face of the specimen. Pronounced cracking at
lower temperatures (Fig. 13a) was most likely associated with strain
localization induced by coarse Gd-rich particles and borides.
In the second, high-temperature interval (1150–1250 °C) the alloy
exhibited very similar mechanical behavior despite a pronounced dif-
ference in the phase composition of the alloy. In particular the α2→α
disordering [6] and the γ→α phase transformation (Figs. 7 and 8)
Fig. 5. Microstructure of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B alloy after uniaxial compression at 900 (a, b) or
1000 °C (c, d) with a strain rate of 0.1 (a, c) or 0.001 s−1 (b,
d) to a strain of φ=1.2. The loading direction is vertical in
all cases.
Fig. 6. EBSD inverse-pole-figures (IPF) and phase maps of the of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy after uniaxial compression at 1100 or 1150 °C with a strain rate of 1 or
0.001 s−1 to a strain of φ=1.2. In the phase maps, the α2/α phases are shown in red, and the γ phase – in yellow. The loading direction is vertical in all cases. (For interpretation of the
references to colour in this figure legend, the reader is referred to the Web version of this article.)
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occurred in this temperature interval. However the contribution of
dynamic recovery became more pronounced in the second temperature
interval due to several factors: disordering, more active diffusion, re-
duction in the fraction of the γ phase and change of the phase mor-
phology from the lamellar α2+γ to a structure with the α phase mainly.
At every temperature and at a strain rate of ε̇ =1 s−1 the stress-strain
curves showed flow stress oscillations (Fig. 4f, g, h). This phenomenon
can be ascribed to dynamic recrystallization of the α phase. Although
DRX in the α phase of Ti-based alloys is usually rather sluggish [34], Al
decreases the stacking-fault energy [35,36] thereby increasing the ki-
netics of DRX [1,25,26]. An increase in deformation temperature re-
sulted in diminishing of the oscillations. This effect can be attributed to
less pronounced strain localization at higher temperatures. The DRX
development resulted in considerable microstructure refinement
(Fig. 10b) that promoted superplastic flow (Table 3).
The strain rate sensitivity m demonstrated the most pronounced
dependence on a strain rate at temperatures corresponded to the α+γ
and α+β phase fields. A two-phase microstructure is beneficial for the
development of superplasticity because the second phase particles
hinder the α phase particles coarsening. In the α+γ phase field su-
perplasticity can be additionally promoted by the γ→α phase trans-
formation (Fig. 7) due to accelerated diffusion [30]. In the α+β phase
field superplasticity was observed at high strain rates, so at ε̇ =0.5 s−1
the strain rate sensitivity was m = 0.59. The combination of a number
of factors (high deformation temperatures, small grain size, existence of
soft β phase laths limiting the α grains/particles coarsening and con-
tributing to faster diffusion) promotes SP flow of the alloy at high strain
rates. It should be noted, that in spite of a small amount, the β phase
was still the binder phase in the α+β phase field. The β phase created a
continuous network between the dominant α particles (Fig. 12a). In
two-phase titanium alloys diffusion in the β phase is faster than that in
the α phase [37] and bcc β phase is softer and more ductile than the hcp
α [25]. The presence of a soft diffusive layer of the β phase between
hard α particles can have a favorable effect on deformation behavior as
it was reported earlier for an ultrafine-grained Ti-6Al-4V alloy that
showed remarkable low-temperature superplasticity [38]. In this earlier
research [38] the formation of a lamellar β phase suggested extensive
diffusion along boundaries between α/α particles and may be asso-
ciated with the so-called “wetting” effect in the solid state [39]. A de-
crease in a strain rate and the formation of a coarser microstructure
resulted in a decreased m value and suppressed superplasticity
(Table 3). In our case a low fraction of the β phase laths and their
heterogeneous distribution do not possibly hinder the α particles
growth, as some of them reached 50–60 μm (Fig. 9h) in diameter during
high-temperature compression at low strain rates. It can explain a sharp
increase in the GOS<1° fraction to 97% at 1250°С and 0.001 s−1
(Fig. 11a). After a period of DRX development in the beginning of de-
formation, superplasticity become the main process controlling plastic
flow; SP flow promoted grain growth thereby decreasing the fraction of
low-angle boundaries. As a result the fraction of grains with the
GOS<1 reached the maximum, that is typical of completely re-
crystallized microstructure.
The observed mechanical behavior and microstructure evolution in
γ
Fig. 7. Volume fraction of the γ phase in the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B
alloy as a function of deformation temperature and strain rate. The data was obtained
from the analysis of SEM-BSE images.
Fig. 8. Macrostructure (a) and SEM-BSE mode micro-
structures in different areas (b, c) of the Ti-43.2Al-1.9V-
1.1Nb-1.0Zr-0.2Gd-0.2B alloy specimen deformed to
φ=1.2 at Т=1150°С, ε̇ =0.001 s−1. The compression axis
is vertical in all cases.
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the second temperature interval is in good agreement with the de-
pendences of the recrystallized volume fraction (in terms of the GOS,
Fig. 11a) and the HAGBs fraction (Fig. 11b) on temperature and strain
rate. It is worth noting that the maximum fraction of grains with the
GOS<1° at 1150 and 1200 °C corresponded to a strain rate of 0.1 s−1.
The microstructure became less homogeneous at higher (Figs. 6e and f,
9a) or lower (Fig. 6g–i) strain rates that can be associated with in-
complete DRX due to either (i) suppression of the process in the former
case or (ii) development of dynamic recovery mainly in the latter case
(Fig. 11a and b).
Due to low fraction, Gd-rich particles and borides had some influ-
ence on the microstructure evolution of the alloy at high strain rates
mainly; these particles were the preferred sites for cracks and pores
nucleation (Fig. 13). Meanwhile, the segregation of oxygen to Gd2TiO5
oxides have most likely a positive effect on ductility of the alloy since
dissolved oxygen can decrease ductility of the γ TiAl based alloys [17].
The obtained data does not suggest any noticeable effect of Gd-rich and
boride particles on dynamic recrystallization and recovery. They do not
serve as the preferred sites for low/high angle boundaries formation,
although probably can limit the dislocation mobility.
The processing maps for the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-
0.2B alloy (Fig. 14) summarized the obtained results on mechanical
behavior and structure evolution. Domains corresponding to super-
plastic deformation with power dissipation efficiency η=0.5 [3] at
φ=0.2 were found in the α2+γ, α+γ and α+β phase fields (Fig. 14a).
Superplastic flow was preceded by the microstructure refinement due to
development of either DRX/spheroidization processes in the α2+γ
phase field or DRX in the α+γ, α and α+β phase fields. These pro-
cesses are observed on the processing maps at η = 0.3 in accordance
with [3] and are bounded by the area of unstable flow (Fig. 14a, b, c).
With an increase in strain this bound moved towards increasing the
strain rate interval of DRX/spheroidization in the α2+γ phase field.
This observation is in agreement with an increase in both the re-
crystallized/spheroidized volume and the length of the steady-state
flow stage at higher strain rates (Figs. 4a–e, 5, 6a and c, 10a). Domains
which corresponded to SP flow (where both the microstructure re-
finement is the most efficient and the recrystallized volume grows
faster, Figs. 10a and b; 11a, b; 14a, b, c) gradually became wider. That
is why the processing map for φ=0.7 shows a trend towards merging
of areas with η > 0.5 (Fig. 14c); however areas with the maximum
efficiency can still be determined.
Similar locations of areas with the maximum efficiency were ob-
served on the processing maps for a TNM-B1 alloy obtained at higher
temperatures [9]. However instead of SP domains the authors of [9]
registered DRX areas. The difference between the present data and the
results reported in Ref. [9] can be associated with some variation in the
phase composition (the stable β phase exists in TNM-B1 alloy as a result
of alloying within the whole investigated temperature interval
(1150–1300°С) while the α phase field was not found). Dynamic re-
crystallization can be observed in both the TNM-B1 and Ti-43.2Al-1.9V-
Fig. 9. EBSD IPF maps (α phase) of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy after uniaxial compression at 1200 °C (a–d) or 1250 °C (e–h) and strain rates of 1, 0.1, 0.01, or
0.001 s−1 to a strain of φ=1.2. The loading direction is vertical in all cases.

Fig. 10. Volume fraction (a) and size (b) of recrystallized/
spheroidized grains in the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B alloy as a function of deformation temperature
and strain rate. The data was obtained from the analysis of
SEM-BSE images.
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1.1Nb-1.0Zr-0.2Gd-0.2B alloys in the α2+γ+β, α+γ+β, α+β and
α2+γ, α+γ, α phase fields, respectively. However, for instance, su-
perplasticity in the α+β phase field was not indicated in the TNM-B1
despite high values of power dissipation efficiency (η > 0.6). This
phenomenon can be associated with low fraction of the recrystallized
microstructure even at φ = 0.9. By contrast, the uniform equiaxed fine-
grain structure formed during deformation of the Ti-43.2Al-1.9V-
1.1Nb-1.0Zr-0.2Gd-0.2B alloy in the α+β phase field at ε̇ =1 s−1
thereby promoting the development of superplastic flow.
Rather unusual finding is associated with the terminating of the
processing maps beyond the flow instability region due to lower duc-
tility of the alloy in comparison with other TiAl based alloys, especially
in the α2+γ phase field and at high strain rates (Fig. 14a, b, c). Similar
results were not observed in earlier works [6–10,25,31,32]. The pre-
sence of Gd-rich and boride particles appreciably reduces the work-
ability of the alloy in the α2+γ phase field and at high strain rates
thereby shifting processing temperatures to the top of the α+γ, α and
α+β phase fields and to lower strain rates.
5. Conclusions
1. The microstructure of as-cast Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-
0.2B alloy consisted of lamellar α2+γ colony structure; the γ, β and
ω phase particles were located at colony boundaries. Besides two
types of Gd-rich phases (Gd3Al and Gd2TiO5) and two types of
borides (TiB and TiB2) were found inside colonies and their
boundaries. The following phase fields by Thermo-Calc modeling
and experimental investigations of structure evolution during
heating were revealed: (α2+γ), (α+γ), (α), (α+β).
2. Two temperature intervals with different mechanical behavior were
found: the first one was corresponded to the α2+γ phase field
(900–1100 °C), where the microstructure had mainly a lamellar
morphology, and the second interval comprised the α+γ, α, and
α+β phase fields (1150–1250 °C), in which the α phase dominated.
In the first interval, mechanical behavior was typical of a lamellar
structure and was associated with the transformation of the lamellar
structure into globular one. In the second interval, mechanical be-
havior was similar despite changes in phase composition.
Fig. 11. Dependence of the volume fraction of grains with
the GOS<1° (a) and the HAGBs fraction (b) calculated
from the EBSD data for deformation temperatures of
1150–1250°С and strain rates of 0.001–1 s−1.
Fig. 12. Microstructure of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B alloy specimens deformed to φ=1.2 at
Т=1250 °С and ε̇ =0.001 s−1: (a) overview at low and high
magnification; (b) Gd2TiO5 and GdAl3 phases particles in a
α/β boundary; (c) a GdAl3 phase particle in a β lamella; (d) a
Gd2TiO5 phase particle in a boundary between α grains; (a)
SEM-BSE images; (c–d) bright-field TEM images. SAED pat-
terns are shown for the corresponding precipitates. The
compression axis is vertical in all cases.
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Oscillations of stress-strain curves were observed in (α+γ), (α) and
(α+β) phase fields at a strain rate of 1 s−1. In both intervals me-
chanical behavior was complicated by Gd-rich phases and borides
particles, which promoted strain localization and cracking.
3. It was found that deformation in both intervals resulted in micro-
structure refinement; the refined microstructure fraction increased
with an increasing in temperature and a decreasing in a strain rate
in the (α2+γ) phase field due to spheroidization/dynamic
Fig. 13. SEM image of cracking at colony/grain boundaries
of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B alloy occur-
ring the side faces of the specimens deformed to φ=1.2 at:
(a) Т=900°С ε̇ =0.001 s−1, (b) T= 1100 °С ε̇ =0.001
s−1, (c) T= 1150 °С ε̇ =1 s−1 and (d) Т=1250°С,
ε̇ =1 s−1. The compression axis is vertical in all cases.
Fig. 14. Processing map of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-
0.2Gd-0.2B alloy at a true strain φ=0.2 (a), 0.5 (b) and 0.7
(c). Isolines indicate the power dissipation efficiency (η).
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recrystallization processes. In the (α+γ), (α) and (α+β)-phase
fields the development of microstructure was associated with dy-
namic recrystallization mainly. The refined microstructure volume
weakly depended on deformation temperature and was maximum at
the strain rate of 0.1 s−1.
4. It was shown that the γ→α transformation occurred more in-
tensively during deformation in (α+γ)-phase field (T = 1150 °C,
ε̇ =0.001 s−1, φ=1.2) in comparison to soak at the same tem-
perature. The difference in the kinetics of the γ→α transformation
decreased with an increase in a strain rate.
5. Processing maps of the Ti-43.2Al-1.9V-1.1Nb-1.0Zr-0.2Gd-0.2B
alloy in the as-cast condition for the temperature interval from 900
to 1250 °C; strain rates from 0.001 to 1 s−1 and φ=0.2; 0.5; 0.7
was constructed. Two domains with high power dissipation effi-
ciency (η > 0.5) were observed: the first domain was in the (α2+γ)
and (α+γ) phase fields with the peak efficiency of 0.57 at∼1100 °C
and 0.05 s−1. The second domain belonged to the α+β phase field
with the maximum efficiency of 0.74 at ∼1250 °C and 0.5 s−1. Due
to lack of data the processing maps terminated beyond the plastic
flow instability area showing, however, temperature-strain areas
where the specimens break.
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